We examined the thermodynamic and kinetic properties of surface dislocations on the Au ͑001͒ surface using atomistic simulations based on a modified embedded atom potential that was optimized for Au surfaces. Two different surface dislocations are obtained, containing five displaced atomic columns ͑type I͒ or three displaced atomic columns ͑type II͒. Both configurations are more stable than adatoms on the surface and type I is more stable than type II surface dislocation. The energy of the surface containing type I surface dislocations decreases with decreasing dislocation spacing, while that containing type II surface dislocations exhibits a minimum at a particular dislocation spacing. The surface stress of surfaces with type I surface dislocations surprisingly increases with decreasing surface dislocation spacing, while the surface stress decreases with decreasing dislocation spacing on surfaces containing type II surface dislocations. We also calculated the activation energies for surface dislocation migration in directions perpendicular and parallel to the surface dislocation line using a string method. The activation energies of both perpendicular and parallel motions are similar, and therefore a surface dislocation can move both parallel and normal to itself. This has been confirmed experimentally. We also found that type II surface surface dislocation corresponds to a metastable structure through which the type I surface dislocation must pass as it migrates perpendicular to its line direction.
I. INTRODUCTION
Surface reconstructions of Au, Pt, and Ir have been reported on several low index surfaces, including ͑001͒ and ͑111͒. [1] [2] [3] [4] [5] [6] [7] [8] [9] [10] [11] [12] The fully reconstructed surfaces have different surface atomic packings and densities compared with the unreconstructed surfaces. The reconstruction of the ͑001͒ surface into a ͑5 ϫ 1͒ structure, with quasihexagonal surface atomic packing, has long been known; the atomic density of this surface is 20% larger than the corresponding unreconstructed surface. [1] [2] [3] [4] 7, 8, 10, 12 The ͕111͖ surface shows a reconstruction in which an extra column of atoms is added each 22 columns. Due to this addition to the local stacking, the top layer changes from faced center cubiclike ͑ABC͒ to hexagonal closed packinglike ͑ABA͒, resulting in a network of corrugated stripes with different patterns. 5, 6, [9] [10] [11] These fully reconstructed surfaces exist when the surface is in equilibrium. However, during film growth and evaporation processes, the surface is commonly far from equilibrium and hence the surface structure may be quite different from the equilibrium reconstructed surfaces.
Recent studies have revealed that the structure of nonequilibrium Au ͑001͒ surfaces can be very dynamic. Labayen et al. 13, 14 reported mobile isolated strings on Au ͑001͒ surface that can move either perpendicular to or along the string direction. Zandbergen et al., 15 using high resolution electron microscopy, observed during the evaporation of a Au film that Au adatoms are collectively injected from the surface into the terrace and these form highly mobile surface dislocations on Au ͑001͒. The surface dislocation was observed to move back and forth within the terrace. These studies showed that an extra ͗110͘ column of atoms on the ͑001͒ surface squeezed into the surface ͑terrace͒ to form a surface dislocation ͑string͒. Two distinct types of surface dislocations were observed. The first consists of five atomic columns displaced along the ͗110͘ direction with all five columns also displaced normal to the surface plane and the center atomic column displaced normal to the surface most of all ͑single ridge͒. The second consisted of three atomic columns displaced along the ͗110͘ direction with all three columns also displaced normal to the surface plane and the center atomic column displaced normal to the surface less than the other two ͑double ridge͒. The surface atomic packing around the surface dislocation ͑string͒ center is quasihexagonal for both types. The first type of surface dislocation ͑single ridge͒ has the same structure as the elementary unit cell of the equilibrium ͑5 ϫ 1͒ reconstruction. Therefore, ͑001͒ surfaces with this dynamic surface structures appear as partially reconstructed surfaces.
The existence of surface dislocations provides insights into several important surface phenomena on metal surfaces. First, since one extra column of atoms is injected into the surface to form a surface dislocation, it should be expected to introduce a compressive stress and, therefore, significantly reduce the tensile surface stress of the Au ͑001͒ surface. This is a possible explanation for the compressive stress in many continuous films. 16, 17 Second, since these surface dislocations are highly mobile in directions both perpendicular and parallel with the dislocation line direction, surface dislocations can provide an important mechanism for surface mass transport-in addition to classic mechanisms such as atomic hopping and exchange. Surface mass transport via surface dislocation is potentially very efficient because the atomic motion is highly correlated and wavelike. However, the influence of surface dislocations on surface thermodynamic properties ͑e.g., surface energy and surface stress͒ and the migration of these surface dislocations remain largely unknown.
In the present study, we focus on the thermodynamic and kinetic properties of surface dislocations on Au ͑001͒. We examine the stability of different surface dislocation structures and how surface dislocations modify the surface energy and surface stress. We also examine how surface dislocations move on the surface. In the next section, we describe the theoretical methods employed in the present study. Then, in the following two sections, we examine two stable surface dislocation structures and their influence on surface thermodynamics. Next, we examine surface dislocation dynamics and kinetics, including determination of the transition path and activation energy associated with surface dislocation motion. Finally, we summarize our results and discuss their implications for several surface processes.
II. SIMULATION METHODS
Our main tool in the analysis of surface dislocations used in this study is ͑both static and dynamic͒ atomistic simulation. Since our focus is the Au ͑001͒ surface, it is important to employ an interatomic potential which can properly replicate the surface properties of Au. There have been a number of embedded atom method-type potentials for Au which generate the ͑5 ϫ 1͒ reconstruction of Au ͑001͒. [18] [19] [20] [21] However, these potentials fail to replicate the surface structures observed by Labayen et al. 13 and Zandbergen et al., 15 e.g., the instability of the ͑1 ϫ 1͒ unreconstructed surface at finite temperature ͑i.e., T Ͼ 0 K͒. Therefore, the present studies were performed using the modified embedded atom method potential ͑MEAM͒ for Au, 22 which replicates the finite temperature ͑5 ϫ 1͒ reconstruction on Au ͑001͒ ͓the MEAM potentials also provide a reasonable description of the ͑001͒ surfaces of several transition metals͔. 23 To determine the stable structures of the surface dislocations, we applied both classical molecular-dynamics simulations ͑MD͒ and conjugated gradient energy minimizations. The simulation cell adopted here is periodic in both the X͑͗110͒͘ and Y͑͗110͒͘ directions, while the Z͑͗001͒͘ direction ͑perpendicular to the surface͒ is not periodic, in order to simulate free surfaces. We began by placing an effectively infinitely long atom column on the ͑001͒ surface, aligned along the ͗110͘ direction and minimized the energy of the system using a conjugate gradient method. After this T =0 structure relaxation, this atomic column remained on the surface. Hence, the adatom column is either stable or, at least, metastable at T =0.
In the present study, we were able to obtain two different surface dislocation structures by performing finite temperature MD simulations. The resultant dislocations had structures which matched the type I and II surface dislocations seen in experiment ͑see Figs. 1 and 2͒. Two types of finite temperature simulations were performed. In the first, we artificially injected the adatom column into the surface and then performed the MD simulations. In the second, we simply heated the system with the adatom column atop the ͑001͒ surface. In the first case, both type I and type II surface FIG. 1. The structure of type I surface dislocation. Only the top three ͑002͒ planes of atoms are shown, where the shading indicates the plane ͑where the atoms become darker with increasing atomic plane number from the surface-this shading is adopted throughout this paper͒. ͑a͒ The view from the top ͑͗001͒͘ and ͑b͒ along the side ͑͗110͒͘. In ͑a͒, the two thick dark lines delimit the surface dislocation core and separate the hexagonal surface atomic packing from the unreconstructed ͑001͒ ͑1 ϫ 1͒ surface atomic packing. In ͑b͒, the dark dashed lines denote the positions of the first two ͑002͒ atomic planes in the surface without a surface dislocation. dislocations were stable at 300 K. In the second case, we heated the sample with the adatom column on the surface to 900 K and then gradually cooled back to low temperature. In this case, we only observed type II surface dislocation. We discuss the structure of these dislocations in the next section.
Using these dislocation configurations, we calculated the change in surface energy and surface stress as a function of spacing between surface dislocations ͑by changing simulation cell length along the ͗110͘ direction͒ using conjugate gradient method minimizations. To calculate the surface stress, we measured the energies of systems with the same surface structures and different system slab thicknesses ͑along ͗001͒͘ under the same surface strain xx ͑straining along ͗110͒͘ to obtain the change in surface energy associated with the surface strain. The slope of the surface energy as a function of strain is the surface stress ͑interested readers can refer to Pao et al. 24 for more details͒. In order to determine the kinetics of surface dislocation motion, we applied the minimum-energy path approach to determine the activation energy for migration, as well as the transition path using the string method developed by E et al. 25 In the string method, we calculate the minimumenergy path by connecting the initial and final N-atom configurations by a string of states in the 3N-dimensional configuration space. In practice, this is done by discretizing the string into a sequence of system replicas, and then evolving the string along the normal to the string tangent. The minimum-energy path is found when the force acting on the string is purely tangent to the string. Since experimental observations show that surface dislocations can migrate both parallel and perpendicular to the dislocation line direction, we examined a series of different types of motion along each, which will be addressed further in Sec. V.
In all of the string method calculations, we employed 120 system replicas to represent the "string" connecting the initial and final configurations. The boundary conditions of the simulation cells for all these calculations are the same as above. The dimensions of the simulation cell in the X-Y plane were 29ϫ 86 Å 2 for perpendicular motion, while for all other motions, the simulation cell was set to 58ϫ 46 Å 2 in order to minimize finite-size effects. The energies of the system replicas very close to the initial and final configurations ͑within five system replicas͒ are slightly lower than the initial and final configurations ͑by up to 0.002 J / m 2 ͒ due to the complicated energy landscape. 26 Therefore, we start from these replicas to plot the energy landscape along the minimum-energy path and calculate the activation barrier of the reaction pathway as the difference between the highest system energy along the pathway and the energy of the starting point of the minimum-energy path.
III. SURFACE DISLOCATION STRUCTURE
As described above, two different types of stable surface dislocation structures are obtained by applying two different relaxation methods. Figure 1͑a͒ shows type I surface dislocation viewed normal to the surface ͑i.e., the ͗001͘ direction or top view͒. The core of type I surface dislocation consists of five ͗110͘ atomic columns displaced from another along ͗110͘ to form a quasihexagonal surface atomic packing ͑the core is delineated by two thick dark lines for clarity͒. Figure  1͑b͒ shows that type I surface dislocation viewed along the ͗110͘ direction ͑i.e., side view͒. In this view, we see that the surface layer buckles around the dislocation core as a result of the injection of an extra atomic column to form the surface dislocation. The structure of type I surface dislocation is in fairly good agreement with high-resolution electron microscopy ͑HREM͒ images ͑viewed along ͗110͘, the side view͒ obtained by Zandbergen et al. 15 and is also consistent with the "single-ridge" configuration observed by Labayen et al. 13 ͑viewed along ͗001͘, the top view͒. The relaxed structure of type II surface dislocation is shown in Fig. 2 . The core of type II surface dislocation consists of three displaced ͗110͘ atomic columns that are shifted relative to one another along the column direction to form a narrow quasihexagonal surface atomic packing ͑as delineated by the thick dark lines in the figure͒. From the side view, shown in Fig. 2͑b͒ ͑viewed along the ͗110͘ direction͒, we see that the two atomic columns on either side of the dislocation core center are slightly elevated. The main difference between the structures of the cores of the two surface dislocations is the core width ͑narrower in type II than in type I͒. The structure of type II surface dislocation obtained in the present study is again in good agreement with the HREM images of Zandbergen et al. 15 ͑the side view͒ and the "double-ridge" configuration observed by Labayen et al. 13 ͑the top view͒.
IV. SURFACE ENERGY AND SURFACE STRESS
To what extent the formation of surface dislocations affects surface thermodynamic properties is largely unknown. In this section, we examine the effects of both types of surface dislocations on the surface energy and surface stress as a function of surface dislocation spacing.
The surface energy ␥ as a function of surface dislocation spacing d is shown in Fig. 3 . The smallest value of d for which data are shown in Fig. 3 corresponds to the period of the equilibrium ͑5 ϫ 1͒ reconstructed surface, i.e., d = 3.54a 0 . Figure 3 shows that the surface energy is a function of surface dislocation spacing. However, the effects of these surface dislocations and adatom columns on surface energy do not change the surface energy by more than 10%. For type I surface dislocation, the surface energy decreases with decreasing surface dislocations spacing ͓until the ͑5 ϫ 1͒ structure is achieved͔. This attractive interaction is consistent with experimental observations. 13 Type II surface dislocations attract one another at large separation and repel at small separations, leading to an equilibrium separation that is larger than for type I surface dislocations. On the other hand, the simulation data suggest that the adatom columns repel one another at all separations.
The simulation data also suggest that the Au ͑001͒ surfaces with type I surface dislocations exhibit lower energies than their unreconstructed, type II containing or adatom column-containing counterparts. The fact that the Au ͑001͒ surface containing either type of surface dislocation has lower energy than the unreconstructed surface explains why both types of surface dislocations are experimentally observed by both Labayen et al. 13 and Zandbergen et al.
15 Figure 4 shows the surface stress f as a function of surface dislocation spacing ͑adatom column spacing͒ d. The dashed line in the figure denotes the surface stress of an unreconstructed ͑001͒ surface. Note again that the smallest d reported is d = 3.54a 0 , the spacing between type I surface dislocations in the equilibrium ͑5 ϫ 1͒ surface reconstruction. As shown in Fig. 4 , all three types of surface defects considered here have a pronounced effect on the surface stresschanging the surface stress by as much as 125%. Surprisingly, this effect is smallest for the adatom column. In all cases, decreasing the spacing between the defects ͑i.e., increasing their surface density͒ increases the magnitude of the change. The other big surprise here is that while type I surface dislocations lead to an increase in the tensile surface stress, type II surface dislocations produce a large decrease in the tensile surface stress. At first glance, we would expect that surface dislocations would decrease the tensile surface stress since they are created by forcing an extra column of atoms into a complete ͑001͒ plane.
In order to understand why type I and II surface dislocations have opposite effects on the surface stress, we plot the displacement field of the these surface dislocations, as shown in Figs. 5 and 6. These displacement fields are obtained by calculating the difference in atomic positions between the relaxed atomic configurations with surface dislocations and an unreconstructed ͑001͒ surface. From that the introduction of type I surface dislocation pulls the neighboring surface atoms toward the surface dislocation. This makes the surface stress more tensile. On the other hand, examination of Fig. 6 shows that the atoms neighboring type II surface dislocation are pushed away from the surface dislocation. The creation of a compressive stress that added to the intrinsic tensile stress of the unreconstructed surface leads to a decrease in the tensile stress. Interestingly, when type II surface dislocations are d = 3.54a 0 apart, the surface stress is almost zero.
We can further understand why type I surface dislocation attracts neighboring surface atoms and type II surface dislocation repels neighboring surface atoms by considering the atomic packing of both types of surface dislocations. Figure  7 shows the directions of surface atomic displacements that occur upon the injection of the extra atomic column ͑atoms colored in white͒ for both types of surface dislocations. The surface atoms ͑colored in gray͒ linked by the same dashed line in the figure displace in the same directions and by the same amount. In Fig. 7͑a͒ , we see that when the extra atom column is injected ͑moves into the plane of the figure͒ to form type I surface dislocation, the atomic columns immediately neighboring the extra atom column, columns +1 and −1, displace in the right and left directions, respectively. The atomic columns +2 and −2 shift primarily upward ͓as shown in Fig. 7͑a͔͒ , causing atom columns +3 and −3 to shift toward the injected atom column ͑i.e., the left and right directions͒ to avoid an increase in the interatomic distance between atoms in coloumns +3 and +2 ͑−3 and −2͒. The inward shifts of atom columns +3 and −3 set up a long-range elastic field that shifts surface atoms further out toward type I surface dislocation. It is this long range inward shift that makes the surface stress more tensile. It is important to note that one way the surface atomic plane accommodates the net motion of the atoms outside the core toward the core is to buckle into the direction orthogonal to the surface, as seen in Fig. 1͑b͒ . This occurs because each atom moves such as to maintain the correct local electron density, as argued previously to explain surface relaxation effects. 27 The surface atomic displacements associated with type II surface dislocation are quite different from that found for type I surface dislocation. Figure 7͑b͒ shows the displacement field associated with injecting the atom column ͑posi-tion 0͒ into the Au ͑001͒ surface plane. In this case, the extra atom column 0 shifts upward on injection. This causes atom columns +1 and −1 to move both up and right and up and left, respectively. Atom columns +2 and −2 ͑unlike those in type I surface dislocation case͒ shift in the right and left directions away from the injected atom column with almost no displacement parallel to the dislocation line direction. This outward motion of columns +2 and −2 forces atom columns +3 and −3 outward. This continues as we move further away from the center of the surface dislocation, and hence this creates a compressive strain on the surface away from the surface dislocation. Hence, the introduction of type II surface dislocation creates an additional compressive surface stress that decreases the overall surface stress from the tensile surface stress found in the unreconstructed Au ͑001͒ ͑1 ϫ 1͒ structure.
V. SURFACE DISLOCATION MIGRATION
In this section, we examine how surface dislocations move. We determine the transition path between equivalent dislocation positions and calculate the activation barriers for motion both perpendicular and parallel to the dislocation line. Based on experimental observations, we proposed five possible migration mechanisms: perpendicular, canted, parallel I, parallel II, and parallel III, as shown in Fig. 8 . We introduce a reaction coordinate parameter ␣ which identifies the dislocation position along the reaction path. If we break the reaction path into N 0 steps, then ␣ takes on values N / N 0 , where 0 ഛ N ഛ N 0 is the index of the replica along the minimum-energy path. Therefore, ␣ = 0 denotes the initial configuration, while 1.0 denotes the final configuration. Since the results above suggest that the most stable surface FIG. 7 . The directions of surface atom column displacements near the center of ͑a͒ type I surface dislocation and ͑b͒ type II surface dislocation. White atoms denote the injected atom column that forms the center of the surface dislocation. Gray atoms denote the surface atoms and black atoms denote the atoms in the plane directly below the surface. Both figures are viewed along the ͗001͘ direction ͑top view͒. dislocation is of type I, we choose the initial and final configurations to be adjacent type I surface dislocation configurations.
As seen in Fig. 8͑a͒ , a unit step of the surface dislocation perpendicular to its line direction corresponds to a translation by 2d ͗110͘ along the ͗110͘ direction, where d ͗110͘ denotes the nearest-neighbor distance in Au, whereas in the canted motion ͓shown in Fig. 8͑b͔͒ , all of the atoms in the core shift both perpendicular and parallel to the dislocation line by a distance d ͗110͘ in each direction ͑i.e., along the ͗001͘ direction by a distance a 0 , where a 0 = ͱ 2d ͗110͘ denotes the lattice parameter of Au͒. As described in Sec. II, the simulation cell size in the X-Y plane for the perpendicular motion study is 29ϫ 86 Å 2 , while for the canted ͑and all other types of͒ motion, the simulation cell is 58ϫ 46 Å 2 . To ensure that the size of the simulation cell does not effect our computation of the transition path and activation energy, we also simulated the perpendicular motion in the larger simulation cell. We found that going to the larger simulation cell size has no significant effect on the computed activation energy. Figure 9 shows the calculated minimum-energy paths for both the perpendicular and canted motions of the surface dislocation. Table I shows that the activation energy for the canted motion, 0.168 eV/ Å, is considerably larger than for the perpendicular motion, 0.076 eV/ Å. Hence, we conclude that the perpendicular motion mechanism is the dominant mechanism by which the surface dislocation translates. Unlike in the canted motion, when the dislocation line moves perpendicular to itself, there are three energy maxima ͑see Fig. 9͒ and two metastable minimum-energy positions. We label the types of motion as ͑a͒ perpendicular, ͑b͒ canted ͑i.e., a hybrid of perpendicular and parallel motions͒, ͑c͒ parallel I ͑where all five columns move parallel to the line direction͒, ͑d͒ parallel II ͑i.e., only the center atom column moves͒, and ͑e͒ parallel III ͑where only the atomic column at the edge of the core moves͒. location before and after the single perpendicular motion dislocation step. Combining Figs. 9 and 10, we see that ␣ = 0.0 and 1.0 are the initial and final states, ␣ = 0.5 is the middle of the transition, ␣ = 0.38 and 0.63 are the two metastable transition states, and ␣ = 0.23 ͑␣ = 0.71͒ correspond to the transition states between the initial ͑final͒ state and the metastable transition states ͑␣ = 0.38 and 0.63͒. The metastable configurations ͑␣ = 0.38 and 0.63͒ correspond to type II surface dislocation structure. That these states correspond to type II surface dislocation structure implies that type II surface dislocation, or the double-ridge type in Labayen et al. 13 is probably just a metastable transition state during the perpendicular migration of the surface dislocation.
The thick gray line in the ␣ = 0.23 image in Fig. 10 highlights the double kink formed during the transition from the initial configuration to the metastable transition state ͑␣ = 0.38͒. The atomic configurations above and below the double kink pair correspond to the stable type I surface dislocation structure. Between the two kinks, on the other hand, the structure is that of type II surface dislocation ͑i.e., the metastable structure͒. The same description also pertains to the ␣ = 0.71 state, which is between ␣ = 0.63 metastable state and the ␣ = 1 final state. The present results indicate that the motion of the surface dislocation, perpendicular to itself, occurs by a double kink nucleation and kink propagation mechanism. The interesting thing here is that the kink mechanism operates between stable and metastable states and does not operate between the two metastable states ͑i.e., note that there is no double kink present at ␣ = 0.5͒.
Figures 8͑c͒-8͑e͒ show three different possible mechanisms for surface dislocation migration in the direction parallel to itself. In parallel I motion, the entire five ͗110͘ atomic column core of the surface dislocation shifts upward by 1d ͗110͘ . In both parallel II and III motions, on the other hand, only one atomic column of the surface dislocation is involved: the center column of the surface dislocation shifts upward by 1d ͗110͘ in parallel II motion, whereas the leading atomic column in the dislocation core shifts upward 1d ͗110͘ in parallel III motion.
The calculated minimum-energy paths for the parallel motions are shown in Fig. 11 . Combined with Table I , we find that both parallel II and III motions have lower activation energies. This is not surprising because in these mechanisms only one ͗110͘ atomic column is involved, while in parallel I motion, all five ͗110͘ atomic columns of the surface dislocation shift. Compared with the activation energy for perpendicular motion ͑see Table I͒ , we find that parallel II motion and parallel III motion exhibit similar activation energies ͑0.078 and 0.065 eV/ Å, respectively͒ and that the activation energies for these parallel motions are similar in magnitude to that of perpendicular motion ͑0.076 eV/ Å͒. Although it is tempting to say that parallel III motion should occur faster than any other type of surface dislocation migration, it is probably beyond the accuracy of the interatomic potential to distinguish between the perpendicular parallel II and parallel III activation energies ͑i.e., they differ by only ϳ0.01 eV/ Å͒. 11 . The minimum-energy paths for the migration of the surface dislocation in the direction parallel to the dislocation line. "Parallel I," "parallel II," and "parallel III" correspond to the atomic motions shown in Figs. 8͑c͒-8͑e͒ , respectively. Figure 12 shows a series of representative atomic structures during parallel II and III motions. In Fig. 12͑b͒ , we do not show the initial ͑␣ =0͒ and final ͑␣ = 1.0͒ states because they are identical with those in Fig. 12͑a͒. Combining Figs.  11 and 12 , we see that ␣ = 0.5 corresponds to the activated states for both parallel II and III motions. Note that in the ␣ = 0.5 configuration, there are three colinear ͑in the horizontal direction͒ light gray atoms, while in the initial ␣ = 0 configuration, these three atoms are not colinear. In the ␣ = 0.22 configuration, there is a region ͑between the two thick gray horizontal lines͒ where the dislocation core structure looks like that of ␣ = 0.5, and a coexisting region where the dislocation core structure looks like that of ␣ = 0. A similar situation exists for ␣ = 0.78 between the final state ␣ = 1 and the activated ␣ = 0.5 states. The two gray lines indicate for parallel II motion the equivalent of kinks seen in the perpendicular motion. A similar situation exists for the parallel III motion ͓Fig. 12͑b͔͒. Since in these types of parallel motion the kinks are confined to lie in the surface dislocation line itself, it may be more appropriate to refer to these as solitons FIG. 12. Representative atomic structure images during the migration of surface dislocations: ͑a͒ parallel II and ͑b͒ parallel III motions. In each image pair, the upper one is a top view ͑i.e., along ͗001͒͘, while the lower one is a side view ͑along ͗110͒͘. ␣ denotes the reaction coordinate. Note that the initial and final ͑␣ = 0.0 and 1.0͒ states of these two types of motion are the same, and therefore these states are not shown in ͑b͒. The thick gray lines at ␣ = 0.22 and 0.78 in ͑a͒ and ␣ = 0.21 and 0.79 in ͑b͒ highlight the boundaries of different surface atomic packings in the surface dislocation cores.
rather than kinks. Nonetheless, all types of surface dislocation motion occur via a nucleation and point defect migration mechanism. It is also interesting to mention that, though the activation energy of parallel I motion is much higher than parallel II and III motions ͑which implies that parallel I motion is almost impossible to occur͒, the two metastable transition states of parallel motion I ͑see Fig. 11͒ , which corresponds to ␣ = 0.37 and 0.67, are also quite similar with type II surface dislocation.
VI. DISCUSSION
We have employed atomistic simulation methods with a MEAM potential for Au to examine the structure, thermodynamics, and migration of surface dislocations on Au ͑001͒. We observe two stable surface dislocation structures: type I and II surface dislocations. The existence and core structures of these two surface dislocation types are in good agreement with previous experimental observations. 13, 15 We examined how the Au ͑001͒ surface energy and surface stress are influenced by the presence of these two types of surface dislocations as a function of surface dislocation separation d. We found that type I surface dislocations tend to attract each other at large separations ͑in agreement with experiment 13 ͒. Type I surface dislocation separation that corresponds to the lowest surface energy is equivalent to the ͑5 ϫ 1͒ reconstructed surface of Au ͑001͒ ͑also in agreement with experiments 2,4,7,8 ͒. Our calculations also show that adatoms on Au ͑001͒ surface will spontaneously be injected into the surface atomic plane but that this injection is thermally activated and hence will only occur at finite temperature. The injection of adatoms to form surface dislocations was observed using HREM by Zandbergen et al. 15 The effect of surface dislocations on the surface stress is somewhat counterintuitive. Since the formation of a surface dislocation requires the injection of an extra atomic column into the ͑001͒ surface atomic plane, we would expect surface dislocation injection to make the surface stress more compressive ͑or, at least, less tensile͒. This is exactly what we observed for type II surface dislocation. However, injecting the energetically more favorable type I surface dislocation in the Au ͑001͒ surface atomic plane makes the tensile surface stress even more tensile. If we compare the displacement field of these two types of surface dislocations ͑Figs. 5 and 6͒, we see that type I surface dislocation attracts neighboring surface atoms, while type II surface dislocation repels them. This is consistent with our surface stress change observations. By careful examination of how surface atoms are displaced during the formation of both types of surface dislocations ͑see Fig. 7͒ , we understand that the differences in surface atomic packings of type I and II surface dislocation are responsible for the differences observed in the displacement fields.
The fact that type I surface dislocation makes the Au ͑001͒ surface more tensile implies that the formation of surface dislocations is not the cause of the compressive stresses often measured during the growth of continuous film. 16 Therefore, other yet unknown mechanisms are probably responsible for this phenomena. Furthermore, it has long been believed that the presence of a large tensile surface stress on Au ͑001͒ leads to the ͑5 ϫ 1͒ reconstruction; i.e., the reconstruction relaxes the large tensile surface stress. 28 However, our calculations clearly show that the introduction of the stable type I form of surface dislocations that make up the observed ͑5 ϫ 1͒ reconstructions does not reduce the surface stress. Quite the contrary, the reconstruction raises the surface stress. Therefore, relaxation of the large tensile surface stress cannot explain the surface reconstruction of Au ͑001͒. Nonetheless, introduction of type I surface dislocations does reduce the energy of the system and, hence, is the source of the surface reconstruction.
We have also obtained the activation energies of surface dislocation migration both perpendicular and parallel to the surface dislocation line direction ͑using the string method͒. We found that all transitions from one state to another are achieved by a kink or soliton formation and/or propagation mechanism. Table I shows that the canted and parallel I motions have much higher activation energies and therefore will likely not occur. Parallel II and parallel III and the perpendicular types of motion all have a similar, low activation energy, 0.07 eV/ Å. Therefore, surface dislocation motion parallel and perpendicular to the line direction should readily occur. Both types of motion have been observed experimentally, [13] [14] [15] consistent with our simulations. Surface dislocations may play an important role in mass transport on Au ͑001͒. Conventionally, surface mass transport on metal surfaces is thought to occur via hopping or exchange mechanisms. More recently, evidence has accumulated that suggests that a surface crowdion mechanism may be favorable; e.g., see the work on strained Cu ͑001͒. 29 Since the surface dislocation is more stable than a random array of crowdions in the surface plane and because the surface dislocation can migrate either perpendicular or parallel to the line direction, it is reasonable to speculate that surface dislocations may play an important role in mass transport on the Au ͑001͒ surface. This mechanism may be particularly important during film growth, where the Au ͑001͒ surface is not fully reconstructed. The HREM observations of Zandbergen et al. 15 suggest that the motion of a surface dislocation in the parallel direction may provide a mechanism by which atoms can be transported through a surface step onto a lower-lying terrace. Our calculation results suggest that the low activation energy for surface dislocation migration parallel to its line direction makes this type of motion posible. This may provide an alternative path for an adatom to cross from one terrace to another that is energetically more favorable than the direct step crossing because of the high EhrlichSchwoebol barrier. 30, 31 In such a model, adatoms inject into the surface to become a part of a surface dislocation, which can in turn migrate parallel to the line direction, and eject the extra adatom onto a lower terrace when the dislocation intersects a step. Since we have not considered the interaction of surface dislocations with steps, this suggestion is speculative.
Finally, since Au ͑001͒ is not the only metal surface to have a surface dislocation type of equilibrium reconstruction, it is possible that highly mobile surface dislocations will occur on a wide variety of other surfaces and metals. We note that the surface reconstructions of the ͑001͒ surfaces of Pt and Ir are very similar to the Au ͑001͒ surface studied here and hence would be an obvious place to look first. It is also possible that surface dislocations exist on surfaces other than ͑001͒, provided that the surface atom density on these unreconstructed surfaces is lower than on the reconstructed surfaces ͓e.g.,͑111͒ surfaces of many transition metals are in this category͔. Therefore, the present results hint at the existence of a relatively common model of surface defects and surface transport that is relatively unexplored-either in experiment or in theory.
VII. CONCLUSION
We have examined both the thermodynamic and kinetic properties of highly mobile surface dislocations on Au ͑001͒ using atomistic scale simulations. Two types of surface dislocation structures were found and shown to correspond well with experimental observations. We also calculated the energy ␥ of ͑001͒ surfaces with each type of surface dislocation as a function of surface dislocation separation d. In both cases, the presence of surface dislocations reduces the surface energy and therefore is more stable relative to the unreconstructed ͑001͒ surface and that with adatoms. This too is consistent with experimental observations. The lowest surface energy obtained corresponds to a surface with a ͑5 ϫ 1͒ surface reconstruction, which is consistent with previous studies on surface reconstruction of Au. The surface stress f as a function of dislocation separation d was also determined. Type II surface dislocations dramatically reduce the surface stress of Au ͑001͒, whereas type I surface dislocations increase the surface stress; this is surprising in light of the expectation that inserting an extra column of atoms into the surface plane will lead to a less tensile surface. Examination of displacement fields shows that the surface atoms outside the dislocation core are attracted toward the dislocation core due to type I surface dislocation core structure, and therefore the surface is stretched near type I surface dislocation ͑leading to an increase in the tensile surface stress͒. Our surface stress results also reveal that relaxation of large tensile surface stress might not be the driving force of surface reconstruction. The activation energy for surface dislocation migration along directions perpendicular or parallel to the dislocation line direction was determined using the string method. Our calculations show that the activation energy for migration is sensitive to the detailed translation path. We were able to identify the likely migration path for motion both parallel and perpendicular to the line direction. We found that dislocation motion perpendicular to the line direction occurs through a kink formation and/or propagation mechanism. The translation path for type I surface dislocation perpendicular to its line directions passes through the metastable type II surface dislocation structure. The observation that there are low activation surface dislocation translation paths in both perpendicular and parallel to the line directions suggests that both types of motion occur. In fact, both have been observed experimentally. Finally, our simulations suggest that highly mobile surface dislocations can provide a preferred mechanism for surface mass transport.
